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Abstract
Hexagonal close-packed (hcp) metals such as Mg, Ti, and Zr are lightweight and/or durable metals with
critical structural applications in the automotive (Mg), aerospace (Ti), and nuclear (Zr) industries. The hcp
structure, however, brings significant complications in the mechanisms of plastic deformation, strengthen-
ing, and ductility, and these complications pose significant challenges in advancing the science and engi-
neering of these metals. In hcp metals, generalized plasticity requires the activation of slip on the pyramidal
planes, but the structure, motion, and cross-slip of the associated 〈c + a〉 dislocations are not well estab-
lished even though they determine ductility and influence strengthening. Here, atomistic simulations in Mg
reveal the unusual mechanism of 〈c+a〉 dislocation cross-slip between pyramidal I and II planes: cross-slip
occurs by cross-slip of the individual partial dislocations. The energy barrier is controlled by a fundamental
step/jog energy and the near-core energy difference between pyramidal 〈c+ a〉 dislocations. The near-core
energy difference can be changed by non-glide stresses, leading to tension-compression asymmetry and
even a switch in absolute stability from one glide plane to the other, both features observed experimentally
in Mg, Ti and their alloys. The unique cross-slip mechanism is governed by common features of the gen-
eralized stacking fault energy surfaces of hcp pyramidal planes and is thus expected to be generic to all
hcp metals. An analytical model is developed to predict the cross-slip barrier as a function of the near-core
energy difference and applied stresses, and quantifies the controlling features of cross-slip and pyramidal
I/II stability across the family of hcp metals.
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Significance
For all hcp metals, the ability to plastically deform in the crystallographic c-axis is crucial for
achieving high ductility and high fracture toughness. 〈c+a〉 dislocation slip is the only sustainable
mechanism to accommodate c-axis strain, but has been shown to be difficult across the family of
hcp metals. We reveal the mechanism, energy barrier, and unusual stress dependence of 〈c + a〉
dislocation cross-slip in Mg using atomistic simulations. Our results provide mechanistic insights
into 〈c+a〉 cross-slip behavior, rationalize observed changes in pyramidal I/II slip stability, enable
predictions of slip trends across the family of hcp metals, and suggest that applied stresses and/or
precise solid solution alloying can optimize cross-slip and enhance c-axis strain capacity, which
can ultimately guide design of improved hcp alloys.
Introduction
Plastic deformation of crystalline materials occurs mainly by slip along low-index atomic
planes. Slip regions are bounded by line defects called dislocations,1 which are characterized
by the crystallographic slip increment known as the Burgers vector b and the local line direc-
tion ξ. The transition from slipped to unslipped regions is resolved at the atomic scale by local
atomic rearrangements creating a dislocation “core” structure. Slip occurs by motion of this core,
and the surrounding elastic fields, as driven by an applied stress. Plasticity is thus controlled by
the details of the core region, which differ significantly among face-centered cubic (fcc), body-
centered cubic (bcc), and hexagonal close-packed (hcp) metals.2 The motion of the dislocation
core is usually confined to glide within the slip plane defined by the normal vector n = b × ξ.
Screw dislocations have b × ξ = 0, however, and so do not have a unique slip plane and can
therefore “cross-slip” among glide planes that share a common Burgers vector. Cross-slip is a
crucial process in plasticity, acting to spread slip spatially on multiple non-parallel planes and to
enable dislocation multiplication and annihilation processes; all of these processes affect ductility
and ultimate strength of the material. While the atomistic mechanisms, energy barriers and rates
of cross-slip are well-established in cubic metals (see Ref.3), the mechanisms in hcp metals are not
well-known and are under active study,4,5 especially for the technologically important metals Mg,
Ti, and Zr.
In hcp metals, only 〈c + a〉 dislocations, existing on the Pyramidal (Pyr.) I and II planes
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(see Fig. 1a), enable plastic slip in the 〈c〉 direction. The 〈c + a〉 dislocations are thus essential
to achieving generalized plastic flow and, consequently, high ductility and strength. Moreover,
experiments demonstrate that the activation of 〈c+ a〉 cross-slip has strong effects on plastic flow
evolution and strengthening of hcp metals .6–9 Frequent cross-slip of 〈c + a〉 dislocations can
occur in early stage, room temperature deformation.9–13 However, the propensity and nature of
〈c + a〉 cross-slip differ among different materials, and can also depend on the applied stress and
temperature in the same material10,14–19 (see Fig.2). The range of observed behavior arises in part
because, unlike fcc and bcc metals where cross-slip is possible among equivalent slip systems,
cross-slip of 〈c + a〉 dislocations can only occur from the structurally different Pyr. I and Pyr.
II plane or vice-versa. Although 〈c + a〉 dislocation core structures are emerging20,21 and elastic
analyses can help identify which slip system is energetically favorable,22,23 there are no studies,
criteria, nor mechanisms to rationalize, much less predict, the material, stress, and/or temperature-
dependence of cross-slip behavior for the critical 〈c + a〉 slip in hcp metals.2,24
./pyr_schem_gamma-crop.pdf
Figure 1. (a) Schematic of the Pyr. I and II planes in the hcp unit cell and the 〈c+a〉 Burgers vector; (b) and
(c) Generalized stacking fault energy surfaces of Pyr. I and II planes, respectively, indicating the Burgers
vector, minimum energy path for slip, and energies and positions (“×” symbols) of the metastable stacking
faults under full atomic relaxation. The energies are calculated using the MEAM potential for Mg.25
Here, we study the mechanism, energy barrier, and stress dependence of the 〈c + a〉 screw
dislocation cross-slip between Pyr. I and II planes in Mg using the nudged elastic band51,52 (NEB)
method with a density functional theory (DFT) validated empirical potential.25 We identify a new
mechanism of cross-slip, show that the key features enabling this mechanism are common across
hcp metals, and develop an analytical model to predict 〈c+a〉 dislocation cross-slip behavior. The
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Figure 2. Experimentally observed 〈c+a〉 dislocation slip planes (Pyr. I and II) for various hcp metals and
alloys under a/c-axis compression and tension. In each panel, hexagon and circle symbols represent single
and polycrystal tests, respectively, while colors indicate temperature (green = below, blue = at, and red =
above room temperature, respectively).
insights and model rationalize the experimentally observed behavior noted above (see also Fig. 2),
and provide a framework for design of improved hcp alloys.
Results
In Mg, the 〈c + a〉 screw dislocations dissociate into a pair of partial dislocations of primarily
pure screw character separated by a stacking fault, for both Pyr. I and II planes.20,21,25 These
dissociations are consistent with the positions of the metastable stacking faults on the generalized
stacking fault energy (γ) surfaces53 of the two pyramidal planes as calculated by both DFT20,23
and MEAM25 (see Figs. 1 b and c, and SI). The dissociated structure leads to a new cross-slip
mechanism, which is revealed by computing the transition pathway for a screw dislocation to move
back and forth between Pyr. I and Pyr. II planes. Figure 3a shows the atomic configurations along
the minimum energy path (MEP) for cross-slip from Pyr. II onto Pyr. I under stress-free conditions.
The cross-slip process has three distinct stages: nucleation, propagation and annihilation. In the
first stage, cross-slip is initiated by forming a pair of jogs/steps on one of the partial dislocation
cores/stacking fault planes. Since the Burgers vectors of the partials are not identical on Pyr. I and
II planes, part of the Burgers vector of the migrating partial is also transferred to the other partial
through local atom rearrangements. The net effect of this process is the transformation of one
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segment of screw dislocation on the Pyr. II plane into a segment on the Pyr. I plane. In the second
stage, cross-slip proceeds simply by lateral motion of the jogs/steps along the dislocation line,
thus shifting more segments onto the Pyr. I plane. In the third stage, the left and right jogs/steps
become sufficiently close that they begin to annihilate. For cross-slip from Pyr. I onto Pyr. II,
the path is reversed so that the third stage shown in Fig. 3a is the nucleation stage. The unique
constriction-free 〈c + a〉 dislocation cross-slip mechanism shown in Mg is the first main result of
this paper.
Unlike dislocations in fcc and bcc metals, the 〈c + a〉 dislocations on the initial and final slip
planes have different core structures, stacking faults, relative partial orientation and, therefore,
different near-core energies per unit length Estruc. The far-field elastic energies are the same.1,23,55
Cross-slip between Pyr. I and II planes thus leads to a net change in total dislocation energy, which
influences the cross-slip energy barrier. For Mg, our simulations show that the 〈c + a〉 screw dis-
location has a lower energy on the Pyr. II plane as compared to the Pyr. I plane. The energy differ-
ence is small, ∼30 meV/nm, but has a crucial effect on cross-slip: the energy barrier for cross-slip
of a dislocation segment depends on the segment length. To illustrate this feature, we perform
NEB calculations for 3 different dislocation lengths (l=146, 219, 292 A˚) under stress-free condi-
tions. Figure 3b shows the atomic configurations along the MEP for a longer length, demonstrating
that the underlying three-stage process is length-independent. However, the energies along on the
MEP are length-dependent, as shown in Figs. 3 c and d. In Fig. 3c, the energy difference is shown
relative to the low-energy Pyr. II screw, while Fig. 3d shows the energy difference relative to the
higher energy Pyr. I screw. The reaction coordinate of replica j is the accumulated distance (in A˚)
along the path in terms of the replica coordinate x, i.e., dj =
∑j
i=1
√
(xi − xi−1) · (xi − xi−1).
In Stage 1 (nucleation, 0<d<17), there is a sharp rise in energy that is similar for all three lengths
(Fig. 3c). During Stage 2 (propagation, 17<d< dmax−12), the energy difference increases linearly
with increasing d, due purely to the difference in Pyr. I and Pyr. II dislocation near-core energies.
The extent of the linear region, and the associated increase in energy barrier, scales directly with
the dislocation length l. In Stage 3 (annihilation, dmax−12<d<dmax but also the nucleation stage
starting from the Pyr. I screw), the energy decreases to the total energy of the straight Pyr. I dislo-
cation, and is the same for all three lengths (see Fig. 3d). The cross-slip energy barrier ∆GII−I for
slip from Pyr. II to Pyr. I is thus dependent on the total length of cross-slipping segment, while the
barrier for the reverse process ∆GI−II, from Pyr. I to Pyr. II, is independent of length and much
smaller.
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Figure 3. Atomic configurations and energy profiles along the minimum energy path (MEP) for 〈c + a〉
screw dislocation cross-slip from Pyr. II to I planes (left to right), as calculated by NEB under stress-free
conditions. (a) dislocation length l = 146 A˚; (b) dislocation length l = 292 A˚. On top of each image, the
number indicates the corresponding reaction coordinate d shown in (c) and (d); (c) Energy versus path
coordinate for 〈c + a〉 screw dislocations at three different lengths cross-slip, with reference to the lower-
core-energy Pyr. II dislocation; (d) as in (c) but with reference to the higher-core-energy Pyr. I dislocation.
In (c) and (d), the energy barrier for cross-slip from the Pyr. II to the Pyr. I plane is denoted as ∆GII−I
and depends on dislocation length, while that for cross-slip from Pyr. I to Pyr. II is denoted ∆GI−II and is
length-independent. Atoms are colored on the basis of common neighbor analysis:54 purple = bcc; yellow
= others. Dislocation cores are shown with only non-hcp atoms.
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Therefore, under stress-free conditions, a typical long Pyr. II screw dislocation (l>20 nm)
is highly unlikely to cross-slip entirely onto the Pyr. I plane because of the very high barrier
(∆GII−I >0.8 eV), while a Pyr. I screw dislocation of any length will cross-slip rapidly (∼1 ns
at room temperature) over the low barrier (∆GI−II∼0.24 eV) onto the Pyr. II plane. Note that
room-temperature MD simulations using short dislocation lengths (l<5 nm) show frequent cross-
slip that is not pertinent to real behavior. We conclude that at low stresses and low temperatures,
〈c+ a〉 slip on Pyr. II planes is expected to be dominant in Mg, consistent with data in Fig. 2, and
with past26,28 and very recent12,30 TEM studies reporting (sessile) dislocations primarily aligned
with the [1¯010] direction that can come only from Pyr. II 〈c + a〉 slip. The general control and
asymmetry of Pyr. I/II cross-slip energy barriers caused by the near-core energy difference, and
the specific preference for Pyr. II slip in Mg, constitute the second main result of this paper.
../../../pic/py/combine_syy_schem-crop.pdf
Figure 4. (a) Dislocation energy differences EI − EII as a function of applied normal stress σyy. (b,c)
Energy profiles on the minimum energy path for 〈c+a〉 screw dislocation cross-slip from Pyr. II to I planes
calculated by NEB under applied normal stress σyy.
The near-core energy difference per unit length (EI − EII) between Pyr. II and I dislocations
can, however, be changed by applied non-glide stresses through interactions with the dislocation
cores and stacking faults, with a possible Escaig-stress effect 56 on the small edge components
of the Pyr. I partials. Figure 4a shows the energy difference EI − EII as a function of applied
stress σyy normal to the Pyr. II plane. The stress σyy is related to the standard single crystal
a/c-axis loading directions via a geometrical factor as indicated in Fig. 4a. Compressive stresses
increase the energy difference, making Pyr. II even more favorable, while tensile stresses on the
Pyr. II plane decrease the energy difference, making Pyr. I less unfavorable. In fact, at high tensile
stresses (>660 MPa), absolute stability of the 〈c + a〉 dislocation changes: the 〈c + a〉 screw
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dislocation has a lower energy on the Pyr. I plane. Related effects are seen for other stress states
(see SI and Fig. S3). The cross-slip energy barrier then also depends on these applied stresses.
Figures 4 b and c show the energy along the MEP at one length (l =292 A˚) for 〈c + a〉 screw
dislocation cross-slip under applied stresses σyy. Consistent with the absolute changes in relative
near-core energy, compressive stresses increase ∆GII−I while tensile stresses decrease it. The
change in ∆GII−I is mainly manifested in changes in the slope in Stage 2. The applied stress gives
a similar trend for the energy barrier in Stage 1 (nucleation process). Thus, tensile stresses on the
Pyr. II plane also lower the energy barrier for forming a segment of dislocation on the Pyr. I plane.
In contrast, σyy has little effect on ∆GI−II. Therefore, tensile σyy increases the net rate of cross-
slip onto Pyr. I while not affecting the rate of the reverse process. This normal-stress dependence
of the near-core energy difference and its influence on cross-slip is the third main result of this
paper.
Our atomistic analyses were executed on Mg, due to the existence of a well-validated inter-
atomic potential. But the observed phenomena and mechanisms are expected to be common to
hcp metals. Firstly, for hcp Mg, Ti, Zr, Co, Cd, and Zn, both the Pyr. I and Pyr. II γ-surfaces show
the existence of metastable fault vectors generally aligned with the 〈c + a〉 Burgers vector57–59
(see Fig. S2 and SI). These fault vectors are largely dictated by crystal symmetries. Pyr. I and
Pyr. II near-core energies are also generally different, so that the asymmetry in cross-slip is also
expected. Finally, experimental observations indicated that relative stability between Pyr. I and
II can change with loading (see Fig. 2), consistent with a dependence of near-core energies on
non-glide stresses.
In spite of the difficulty of cross-slip under zero glide stress, cross-slip can be facilitated by
resolved shear glide stresses on the cross-slip plane. So, when a dislocation on the primary slip
plane is pinned by other metallurgical features (precipitates, solutes, forest dislocations) such that
local screw segments on the primary plane experience resolved shear stress below their Peierls
stresses, resolved shear stresses above the Peierls stress can still exist on the cross-slip plane. This
shear stress provides a driving force that reduces the energy barrier for cross-slip. Incorporating
all mechanistic factors, we can develop a general analytical model for pyramidal dislocation cross-
slip in hcp materials as follows. Because the Pyr. I and II dislocations glide readily at low applied
stresses at room temperature, we use a line-tension framework and study a configuration with
a cross-slipped segment bowing out on the cross-slip plane, as shown in Fig. 5a (see SI). For
cross-slip between two structurally different planes, the cross-slip energy barrier has a number of
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contributions,3
∆G = Es + ∆E(σ)l + T∆s(T, b, τ, l)− τbA(T, b, τ, l) (1)
where Es is the intrinsic energy associated with the jogs/steps connecting the cross-slipped and
uncross-slipped dislocation segments (corresponding to stage 1 or stage 3), ∆E(σ) is the stress-
dependent near-core energy difference between the two glide planes, l is the chord length of the
putative cross-slipped dislocation, T is the line tension, ∆s is the additional dislocation line length
due to bow-out, τ is the resolved shear stress on the cross-slip plane, and A is the area swept by
the dislocation during the bow-out. Crucially, the work done by the applied stress, the last term in
Eqn. 1, can overcome the length-dependent near-core energy difference that prohibits cross-slip at
zero stress.
At stress τ , the cross-slipped segment can expand unbounded if it can reach a critical length lc
determined by ∂∆G/∂l = 0. Approximating the bow out geometry as circular arc with arc length
s and area A (see SI) gives lc as
lc =
2
√
∆E(σ) (2T −∆E(σ))
bτ
. (2)
Inserting lc into Eqn. 1 yields the activation barrier for nucleating onto the cross-slip plane. The
result is not analytic and so we show a numerical example below. In general, however, increasing
the shear stress on the cross-slip plane makes both the critical length lc and the activation energy
barrier smaller, increasing the rate of thermally-activated cross-slip.
../../../pic/py/energy_barrier/combine_e_schem_2-crop.pdf
Figure 5. (a) Schematic of dislocation cross-slip configuration. (b) Cross-slip energy barrier ∆G as a
function of cross-slip length l under resolved shear stress τ on cross-slip plane. (c) Cross-slip energy barrier
∆G as a function of resolved shear stress τ and normal stress σyy.
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As a concrete example relevant to Mg, we use atomistically-derived values Es = 0.23 eV and
∆E(σ) ( Fig. 4a), and approximate T = 0.5µb2 where µ is the shear modulus. The cross-slip
energy barrier ∆G as a function of l versus applied shear stress τ is shown in Figures 5b; the
critical length lc and energy barrier correspond to the maximum value of ∆G at each stress value.
The barrier cannot decrease below Es, but even at moderate stresses (∼80 MPa), the barrier is not
significantly higher (∼0.35 eV) and at an accessible nanoscale length (lc ≈ 7 nm). Thus, cross-
slip from Pyr. II to Pyr. I can become quite frequent under conditions typical of Mg processing
and/or applications. Easy cross-slip thus also makes it difficult to experimentally determine the
primary/dominant slip plane.13
Moreover, Figure 5c shows the activation energy versus resolved shear stress τ for a range of
applied non-glide normal stresses σyy, using Mg values. For all τ , tensile σyy reduces the en-
ergy barrier for cross-slip while compressive σyy increases the energy barrier. This is consistent
with experimental observations where Pyr. II slip is commonly seen in c-axis compressive load-
ing12,26,28 but where Pyr. I slip becomes more important/frequent at high temperatures or in tensile
loading26,27 (see Fig. 2). At τ = 50 MPa and σyy within ±100 MPa (typical values at the onset
of yield at room temperature in single crystal Mg under a/c-axis deformation7), we find ∆G is
∼0.42±0.04 eV. At laboratory strain rates, cross-slip is thus predicted to be particularly active at
room temperature but unlikely at 77 K. However, the Pyr. I screw 〈c + a〉 can only glide for a
short distance before cross-slipping back to the Pyr. II planes. Thus, frequent double cross-slip
is expected, consistent with various experiments7,12,31,32 with Pyr. II 〈c + a〉 slip dominant. At
the same time, under c-axis compression loading at room temperature, single crystal Mg strain-
hardens rapidly12,13,28,60 with the flow stress reaching ∼300 MPa within a few percent strain. The
increase in flow stress increases τ and σyy proportionally (see Fig. 4), so that the net effect, per
results in Fig. 5c, is to decrease the cross-slip energy barrier and increase the dislocation cross-slip
rate. This enables more Pyr. I slip at later stages of deformation. At even higher stresses, such
as those during cold rolling of polycrystals,61 〈c + a〉 screw dislocations in some grains may have
similar energies on Pyr. I and Pyr. II so that ∆E = 0 (see SI). Then, the barriers for cross-slip from
Pyr. I to II planes and vice versa may become comparable, making 〈c + a〉 slip equally favorable
on Pyr. I and II planes. The above conclusions are all in general agreement with experiments on
Mg where deformation mechanisms are most clearly discernable, and rationalize the experimental
ambiguities13,61–63 in the competition between Pyr. II and Pyr. I slips in Mg.
Looking more generally across the family of hcp metals shown in Fig. 2, differences among
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them arise due to differences in Pyr. I and Pyr. II stacking fault, core, and jog/step energies,
and their dependencies on non-glide stresses. For Ti, 〈c + a〉 slip on Pyr. I is more common,
indicating that the Pyr. I screw has lower energy than the Pyr. II screw; this is consistent with
our DFT calculations showing the metastable stacking fault energy on Pyr. I to be less than half
of that on Pyr. II planes. However, 〈c + a〉 cross-slip is frequently observed in Ti and Ti alloys
at high temperatures or under a/c-axis compressive loadings (see Fig. 2); this indicates that both
the energy difference EI − EII and the cross-slip activation energy barrier ∆GI−II are relatively
low in Ti and can be modified by stresses in the same way as found here for Mg. Furthermore,
the high flow stresses in Ti alloys may also help reduce the cross-slip activation energy barrier for
cross-slip onto Pyr. II planes. In fact, new experiments, using micro-cantilever bending9 to induce
both tension and compression in the same sample under the same conditions, clearly show Pyr. I
slip in tension but wavy Pyr. I+II slip in compression. In contrast to Mg and Ti, 〈c+ a〉 cross-slip
is not common in hcp metals like Zn, Cd and Zr, nor is there evidence of any switch in dominant
slip system between Pyr. I and Pyr. II (see Fig. 2). This indicates that the difference in Pyr. I
and II dislocation near-core energies and/or the step/jog energy are relatively larger in Zn, Cd, and
Zr, and thus with larger energy barriers, but the mechanisms should remain the same since their
γ-surface profiles are similar to those of Mg and Ti (see SI).
Our analysis shows that the cross-slip frequency and relative stability depend on the near-
core energy difference between Pyr. I and II screw dislocations. This suggests that alloying
with solutes, which interact with the dislocation cores and stacking faults, can shift the near-
core energy difference and, therefore, shift the relative stability of Pyr. I and II and change the
frequency of cross-slip. Indeed, experiments show that the dominant slip system (and thus the
cross slip) is influenced by alloying in Mg and Ti (see Fig. 2). This further suggests that precise
solid solution alloying could maximize/optimize cross-slip in Mg and Ti to achieve a desired
evolution of plasticity. Of course, such alloying will have many other effects such as strengthening
of all the various hcp slip systems, so that optimization is multi-dimensional. For Mg, with other
strategies aimed at enhancing c-axis strain capacity under active research61 and some apparently
exhausted,55,64 optimizing cross-slip may provide fresh opportunities. In contrast, since Zr, Zn,
and Cd likely have larger near-core energy differences between Pyr. I and II screw cores, leading
to high dominance of one of the two pyramidal slip systems, solid solution alloying would be less
likely to alter the dominant slip system. But alloying could still significantly influence the rate of
double cross-slip. There are relatively fewer direct observations in Zn41,42 and Cd,7,38 so future
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experiments and simulations would provide further insights.
In summary, the crystallographic features of hcp pyramidal planes drive 〈c + a〉 screw dis-
location dissociation into near-screw partials, which allows for a new mechanism of cross slip.
However, the screw dislocations on Pyr. I and II have different energies, greatly affecting the
cross-slip barriers and rates. This energy difference also depends on non-glide stresses, leading
to tension/compression asymmetry in cross-slip and slip plane dominance. These new insights
rationalize a wide body of experimental literature in hcp metals and provide a mechanistic basis
for modifying 〈c+a〉 slip via targetted alloying, for instance. The unusual features of hcp pyrami-
dal cross-slip must also be incorporated into higher-scale modelings such as dislocation dynamics
and crystal plasticity models, if such models are to accurately reflect real plasticity mechanisms
in hcp metals. The work here provides quantitative results for Mg, which can be made even more
quantitative with additional first-principles studies, and provides a firm basis for future quantitative
work on Ti, Zr, and other hcp metals. Combined with other recent works,55,57,65,66 computational
metallurgy is now revealing the rich, distinct, and complex behavior in a class of materials, hcp
metals, that have high technological value.
Methods
Atomistic simulations and NEB calculations are performed using LAMMPS67 with Mg atom
interactions described by a modified embedded-atom method68,69 potential parametrized by Wu et
al.25 In the current NEB calculations, 64, 96, 128 replicas are used for dislocation of lengths 146,
219, 292 A˚. Unless otherwise stated, convergence is assumed when the maximum force on atoms
is below 10−4 eVA˚−1. More details on the simulation cell and boundary conditions are described
in the SI.
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Supporting Information
Simulation cells and boundary conditions
In anisotropic linear elastic medium, the displacement field u of a straight Volterra dislocation
with Burgers vector b can be obtained using the Stroh formalism.1,23 The Volterra solution u is
completely determined by the Burgers vector and the elastic stiffness tensor of the material, inde-
pendent of the dislocation core relaxation or dissociations. For a dislocation in real materials, the
displacement field u near the core region is further modified due to core dissociation and relax-
ation beyond linear elasticity, while in the far field, the Volterra solution is accurate. In atomistic
simulations of finite sizes, to simulate an isolated dislocation in an infinite elastic medium, all
atoms are first displaced according to the Volterra solution u, followed by a relaxation process
where atoms within 2 × the cut off distance (2rc, see Fig. S1) from the outer boundary are fixed
in positions, while atoms inside are relaxed according to their atomistic forces as prescribed by
the interatomic potential. To simulate an isolated dislocation in stressed elastic medium, the same
displace-relax procedure is used, but with the initial displacement field replaced by the superpo-
sition of the displacement field corresponding to the desired stress and the Volterra displacement
field.
For each NEB simulation in this work, we start with a base simulation cell of perfect hcp
lattice created with x in the [101¯0] direction, y normal to the Pyr. II plane and z in the [112¯3]
direction. The base simulation cell has dimensions (lx × ly × lz) of ∼100 nm × 100 nm × 2 nm.
A straight 〈c + a〉 Pyr. II screw dislocation along the periodic z-axis is created and relaxed at the
center of the base cell following the above displace-relax procedure. Simulation cells with a Pyr.
I screw dislocation is obtained by applying a tensile stress of 750 MPa normal to the Pyr. II plane
and running molecular dynamics at 77 K. Under these simulation conditions, the screw 〈c + a〉
dissociated on the Pyr. II plane transforms into a screw 〈c+a〉 dissociated on the Pyr. I plane. The
Pyr. I core thus obtained is further relaxed using the same boundary conditions of the previous Pyr.
II core. The NEB cells (∼20 nm × 20 nm × 2 nm), shown in Figs. S1 a and b, are cut from the
base cells with the dislocation dissociated on the Pyr. II or Pyr. I plane, thus forming the start and
end replicas in the NEB calculations. In each NEB cell, atoms within 2rc from the outer boundary
are treated as boundary atoms. Their positions, taken from the start replica, are thus fixed and used
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as boundary conditions for all replicas in subsequent NEB calculations. Dislocations of different
lengths are created by replicating the cell in the z-direction.
Pyramidal γ-surface of hcp metals
The γ-surfaces of Pyr. I and II planes are calculated for a total of six hcp metals using available
interatomic potentials, as shown in Fig. S2. The positions and energies of metastable stacking
faults are obtained under full atomic relaxation. Among all the cases, the minimum energy path
and the position of metastable stacking faults are similar. Therefore, in these metals 〈c + a〉
dislocation dissociations on Pyr. I and II planes are expected to be similar to that shown for Mg.
We note that these interatomic potentials use various different formalisms (MEAM, EAM, Bond-
order), yet they exhibit similar features in the calculated γ-surface profiles. In addition, DFT
calculations23 show qualitatively similar results. All these suggest the general features of the γ-
surface are strongly dictated by crystal symmetry while the details of atomic bonding influence
the fine positions and energetics of these features.
Effect of non-Schmid stresses on dislocation energy and cross-slip barriers
The effects of non-Schmid stresses σxx and σxy on dislocation energy and cross-slip barriers
are calculated and shown in Fig. S3. Tensile σxx increases the energy difference, making Pyr. II
more favorable relative to Pyr. I; compressive σxx has an opposite effect. In terms of tension v.s.
compression, the effects of σxx is opposite to that of σyy, as expected. In contrast, σxy decreases
the energy difference and makes cross-slip easier, independent of the direction of shear. At σxy ≈
±250 MPa, Pyr. I and II planes are equally favorable and the activation energies for cross-slip from
Pyr I to II and vise versa are the same and equal to the jog/step energy, ∼0.23 eV (see Fig. S3).
Slip can thus occur on both planes and cross-slips are expected to be very active at temperatures
higher than 77 K. The relative slip activities between Pyr. I and II planes then depend on the
Schmid stresses and the mobilities of the 〈c + a〉 dislocations on these two planes. In addition, a
metastable structure is found at σxx = 250 MPa and σxy = ± 125 MPa. This metastable structure
reduces the activation energy barrier for cross-slip from Pyr. I to II planes to ∼ 0.1 eV and makes
Pyr. I dislocation less stable.
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Semi-circular dislocation bow out
In the current analytical model, we choose the dislocation bow-out model instead of the double-
kink model because MD simulations show that the 〈c+a〉 dislocations glide readily on Pyramidal
planes under conditions similar to Mg experiments at room temperature, i.e. under a resolved
shear stress of less than 100 MPa at 300 K. Under these conditions, the glide mechanism does not
involve the kink-pair behaviour of screw dislocations in bcc metals. We approximate the bow out
geometry as circular arc with arc length s and area A given parametrically as
s = 2r sin−1
(
l
2r
)
(3)
A = r2 sin−1
(
l
2r
)
− rl
2
√
1−
(
l
2r
)2
(4)
in terms of the equilibrium radius of curvature r of the arc that is determined by a balance between
the resolved shear stress τ and the dislocation line tension T , r = T/bτ .
19
This is a post-print of the following article: Wu, Z.; Curtin, W. A. Proc. Natl. Acad. Sci. USA 2016, 113 (40), 11137–11142.. The final
publication is available at http://dx.doi.org/10.1073/pnas.1603966113 © Z. Wu and W. A. Curtin, 2016. All rights reserved.
../../../pic/tex/sim_cell/sim_cell-crop.pdf
Fig. S 1. Schematic of the simulation cell used in the Nudged Elastic Band calculations. (a) 〈c + a〉
screw dislocation dissociated on the Pyramidal II plane. (b) 〈c + a〉 screw dislocation dissociated on the
Pyr. I plane. Identical boundary conditions (atoms fixed according to the displacement field of a Volterra
〈c + a〉 dislocation plus any displacement corresponding to applied stresses) are used for all replicas of the
calculations.
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Fig. S 2. Generalized stacking fault energy surfaces of pyramidal I and II planes for hcp metals (a) Mg,25
(b) Ti,70 (c) Zr,71 (d) Co,72 (e) Cd73 and (f) Zn74 as calculated by various interatomic potentials. Positions
(indicated by the “×” symbols) and energies of the metastable stacking faults are calculated under full
atomic relaxation.
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Fig. S 3. (a) Energy differences EI −EII as a function of applied normal stress σxx. (b,c) Energy profiles
on the minimum energy path for 〈c + a〉 screw dislocation cross-slip from Pyr. II to I planes calculated by
NEB under applied normal stress σxx. (d) Energy differences EI − EII as a function of applied normal
stress σxy. (e,f) Energy profiles on the minimum energy path for 〈c + a〉 screw dislocation cross-slip from
Pyr. II to I planes calculated by NEB under applied normal stress σxy. For σxy = 250 MPa, convergence
is assumed when the maximum force on atoms is below 7×10−3 eVA˚−1. A metastable structure (MTS) is
found at σxx = 250 MPa and σxy = ± 125 MPa.
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